Nanotwinned copper (Cu) exhibits an unusual combination of ultra-high yield strength and high ductility. A brittle-to-ductile transition was previously experimentally observed in nanotwinned Cu despite Cu being an intrinsically ductile metal. However, the atomic mechanisms responsible for brittle fracture and ductile fracture in nanotwinned Cu are still not clear. In this study, molecular dynamics (MD) simulations at different temperatures have been performed to investigate the fracture behaviour of a nanotwinned Cu specimen with a single-edge-notched crack whose surface coincides with a twin boundary. Three temperature ranges are identified, indicative of distinct fracture regimes, under tensile straining perpendicular to the twin boundary. Below 1.1 K, the crack propagates in a brittle fashion. Between 2 K and 30 K a dynamic brittle-to-ductile transition is observed. Above 40 K the crack propagates in a ductile mode. A detailed analysis has been carried out to understand the atomic fracture mechanism in each fracture regime. Between 2 K and 30 K a dynamic brittle-to-ductile transition is observed. Above 40 K the crack propagates in a ductile mode. A detailed analysis has been carried out to understand the atomic fracture mechanism in each fracture regime.
and crystal orientations had a strong effect on the processes at the crack tip. Kimizuka et al. [17] studied the dynamic behaviour of dislocations near a crack tip in FCC metals. Results obtained for copper and aluminium showed multiple emissions of dislocation loops from the crack tip and incipient evolution of plastic deformation during crack extension. Cui and Beom [18] investigated single Cu and Al crystals with edge cracks under Mode I loading conditions using MD simulations. In their simulation model a crack with its front along the shows that most investigations on brittle versus ductile behaviour using MD simulations were carried out on single crystals. Nanotwinned Cu is a relatively new material with special microstructure. It has been the subject of intensive research due to its unusual combination of ultrahigh yield strength and high ductility [19] [20] [21] . The high ductility of nanotwinned Cu has been attributed to the gradual loss of coherency of the Twinning Boundaries (TB) during plastic deformation [22] [23] [24] . A brittle-to-ductile transition was experimentally observed in nanotwinned Cu despite Cu being an intrinsically ductile metal. Jang et al. [21] conducted in situ Scanning Electron Microscope (SEM) uniaxial tension tests on nanotwinned Cu nanopillars with different twin boundary orientations and twin boundary spacings. The nanopillars with twin boundary spacings up to 2.8 nm exhibited the characteristics of ductile fracture clearly, while those with the larger twin boundary spacing of 4.3 nm failed in a brittle fashion. Jang et al. [21] also performed MD simulations of crack propagation along a twin boundary in nanotwinned Cu to understand the distinct fracture modes observed in their experiments. It was found that when the twin boundaries were spaced sufficiently closely, the high stresses at the crack tip could induce twinning dislocation nucleation and propagation on the twin boundaries in close proximity to the crack tip, leading to a cascade of dislocation activities and eventually ductile failure.
The intriguing findings of the TB-spacing-induced brittle-to-ductile transition in nanotwinned Cu from Jang et al.'s work raises some fundamental questions: 1) can the brittle-to-ductile transition be observed in this material when the temperature varies and 2) what is the atomic mechanism responsible for nucleation and mobility of dislocations emitted from the crack tip? In this paper, we explore these questions for nanotwinned Cu with a preexisting edge-notched crack using MD simulations at various temperatures.
Molecular dynamics simulation model
Molecular Dynamics (MD) simulations were performed with the open-source code Largescale Atomic/Molecular Massively Parallel Simulator (LAMMPS) [25] . The MD domain of this study is illustrated in Fig. 1 The Embedded Atom Method (EAM) interatomic potential developed by Mishin et al. [26] was employed in all the simulations. This potential was calibrated using experimental and ab initio data for Cu. It has been shown to precisely predict the lattice properties, point and extended defects, various structural energies and transformation paths [26] . The simulations were conducted in a constant NPT ensemble (fixed number of atoms (N), constant pressure (P) and constant temperature (T)). Periodic boundary conditions were applied in the Y and Z directions and free boundary conditions were used in the X direction. In each simulation, random velocities were initially assigned to atoms, followed by a relaxation process for 10 5 time steps. The simulation cell was subsequently stretched at a constant strain rate of 1×10 8 s -1 along the Y direction while the normal stress along the Z direction was fixed to zero using the Parinello-Rahman barostat. The equations of the atomic motion were integrated using the velocity Verlet algorithm. The total simulation time was 702 ps with a time step of 0.003 ps, leading to a total strain of 7.02% along the Y direction. 10 simulation cases at temperatures (0.5 K, 1.1 K, 2 K, 5 K, 10 K, 20 K, 30 K, 40 K, 50 K and 60 K) were conducted. In each simulation the temperature was maintained using the Nose-Hoover thermostat. The Ovito software [27] was used to visualise the atomic configuration. The Crystal Analysis (CA) tool [28] and Dislocation Extraction Algorithm (DXA) code [29] developed by Stukowski and his co-workers were used to identify dislocations and stacking faults respectively. The results were viewed using the ParaView software. The stress components were calculated using the expression taken from the Virial theorem, and the average atom volume was used in the stress calculations [25] . The strain (ε) was calculated from the applied strain rate multiplied by the deformation time. It can be seen from [30] . The difference between two values is due to existence of the edge crack.
Results

Stress-strain relation
After the strain exceeds 2.52%, all the curves drop in Fig. 2 . The simulation results at 0.5 K and 1.1 K are almost identical. They drop to near-zero stress at about ε = 3.12% and then oscillate as the strain increases further. At 2 K, 10 K and 30 K, the stress does not reduce to zero. Instead, the stress drop stops at strains of 2.92%, 2.82% and 2.82% respectively.
Subsequently � increases slightly with increasing strain. In comparison, the cases at 40 K and 60 K indicate a slight stress decrease at ε = 2.52%, immediately followed by a significant stress increase with increasing strain. The tangent modulus at 60 K is larger than that at 40 K for strains greater than 2.52%. Three stages of the crack propagation process at 1.1 K are shown in Fig. 3 . The onset of crack propagation is found at ε = 2.52%, corresponding to the peak of the stress-strain curve in Fig. 2 . Crack propagation takes place at the TB between the T 3 crystal and the M 4 crystal, as shown in Fig. 3(a) . In Fig. 3 (b) the crack continues to propagate along the TB in a straight line as the imposed strain increases to 2.733%. The crack leaves a smooth cleavage surface in its wake. The atomic bonds break continuously during the propagation of the crack. This will release the stress on all the atoms located on the left-hand side of the crack and in turn reduce the average stress of the system, leading to the lower � observed in Fig. 2 . No dislocation has been observed in this case, implying that the crack is brittle. The crack travels through the whole simulation cell along the X direction at ε = 3.12% ( Fig. 3(c) ), resulting in near-zero stress observed in Fig. 2 . the highest σ y . Therefore, the crack tip is located at X B1 , the X coordinate of Atom B 1 .
Crack length
Similarly the crack tip is located at Atom A 2 (X A2 ) during the strain range between Point I 2 and Point I 3 . Using this approach the crack tip position has been automatically determined by post-processing the simulation data. It is noted that this approach is only suitable for the brittle fracture propagation. Once a dislocation nucleates around the crack tip, the highest σ y is not associated with the atom at the crack tip. Fig. 5(c) ). The first-mentioned atoms in the bond names are always the 'driving' atoms. The change in crack length at 1.1 K, 2 K and 10 K is not significant. However, the inset in Continuum fracture theory typically assumes that crack can accelerate to a limiting speed equal to the Rayleigh sound speed of the material [31] . The Rayleigh speed (c R ) can be calculated by c R = 0.93�µ ρ ⁄ [32] , where μ is the shear modulus and ρ is the material density. If we choose μ = 45.2 GPa and ρ = 8931 kg/m 3 for copper [33] , it yields c R = 2092 m/s. Therefore, the propagation speed of the brittle crack observed in this study is about 45.7%
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~ 46.7% of the Rayleigh speed. This is consistent with findings in experiments [34, 35] and MD simulations [15, 36] , which indicated that brittle cracks have limiting velocities well below predictions by continuum fracture theory.
From the above analysis, it appears that the brittle crack propagation speed increases with temperature. This implies that brittle crack propagation is a thermally activated process.
According to transition state theory [37] , the activation energy barrier (Q) for the brittle crack The crack lengths at a strain of 3% have been plotted against the temperatures in Fig. 7 .
The cases at 0. Fig. 8 shows the activities of dislocations radiating from the crack tip at 10 K. In Fig 8(a) , the envelope of the crack is represented by a grey-coloured surface. The simulation cell is observed from the top-right-front direction. The TBs are highlighted in red. At the imposed strain of 2.751% ( Fig. 8(a) ), the crack still propagates in a brittle mode. The envelope of the crack is smooth and the crack tip is sharp. No defect is observed around the crack tip. As the imposed strain increases to 2.764% (see Fig. 8(b) ), a new coherent twin boundary, parallel to the envelope surface of the crack tip, is generated below the crack tip. The crack tip becomes blunt in Fig. 8(b) . The newly formed TB is narrow in the X direction and spreads along the Z direction and does not extend during the subsequent deformation.
Dislocation activity
In Since the Frank partial dislocation is sessile, it pins the (1 � 11) M stacking fault to prevent the stacking fault from shrinkage.
It is also seen in Fig. 8 observed from the top-right-front direction. In Fig. 9 (a) the imposed strain is 2.52%, a condition at which the crack just starts to propagate in a brittle mode along the TB. The crack envelope is quite smooth. Soon afterwards ledges appear on the crack tip as shown in Fig.   9 (b). When the strain increases to 2.559% ( Fig. 9(c) ) a V-shape defect structure is emitted around the ledges into the twinned crystal (T 3 ), which is constructed with two intrinsic stacking faults with the normals of (1 � 1 � 1) T and (111) T , respectively. These two intrinsic In Fig. 9(d) , representative of ε = 2.59%, the V-shape defect structure evolves into a Zshape defect structure due to the periodic boundary condition imposed in the Z direction. The 
Discussion
The MD simulation results indicate that different types of dislocations can be emitted from the crack tip at different temperatures in nanotwinned Cu, leading to brittle-to-ductile transition. In the following paragraphs, we discuss the atomic mechanism responsible for the dislocation nucleation.
Phase transformation
The simulation cell in this study has a two-layer ( (a3-b3) ε = 2.758%; (a4-b4) ε = 2.761%; (a5-b5) ε = 2.763%; in (b1-b5) the perfect FCC and HCP atoms are shown in grey and yellow, respectively, and the free surface atoms are shown in black.
Four groups of atoms have been marked in Fig. 10(a1) . They are 1 ′~4 ′ , 1 ′~4 ′ , 1 ′~4 ′ and 1 ′~4 ′ , respectively. It can be seen in Fig. 10(a1) , corresponding to ε = 2.751%, that all the atoms maintain their original (110) planes. Atoms 1 ′ , 1 ′ and 2 ′ are disordered due to the disturbance of the bond breaking process as shown in Fig. 10(b1) .
As shown in Fig. 10(a1) , Atoms C 1 ′ , B 2 ′ , D 2 ′ and C 3 ′ are initially located at the same (110) plane while Atom C 2 ′ is located at the neighbouring (110) plane. It is interesting to note that Atom 2 ′ changed in colour from near-red in Fig. 10(a1) to near-green in Fig. 10(a2 Fig. 10(a3) . The consequence of these activities is that a twin boundary (TB) is generated at Atom 3 ′ , as shown in Fig. 10(b3) .
Following the same mechanism, as the imposed strain increases to 2.761%, the newly formed TB is extended by an atomic distance as observed in Fig. 10(b4) . However, the newly formed TB shields the atom at the crack tip and impedes the increase of its stresses. This arrests the bond breaking process. In turn the expansion of the newly formed TB no longer continues. It can be seen in Fig. 10 Hai and Tadmor [40] observed deformation twinning at the crack tip of aluminium using a mixed continuum and atomistic approach. In their simulation, the first partial dislocation was emitted from the crack tip and travelled on the plane intersecting the crack tip, leaving an intrinsic stacking fault in its wake. Subsequently, a second partial dislocation was emitted on the plane adjacent and behind the previous emission plane, laying down an extrinsic stacking fault and resulting in the formation of a microtwin. The twin boundary observed in Hai and
Tadmor's simulation was inclined towards the crack propagation surface. They suggested that twinning occurs when the direction of the maximum resolved shear stress coincides with the Burgers vector of a partial dislocation. The twinning mechanism observed in our study is different to that reported by Hai and Tadmor [40] . Here twinning is triggered by phase transformation and its formation can nucleate a 1/2[11 � 0] perfect dislocation on the (001) plane. and Group-D atoms (such as 2 ′ in Fig. 10(a2) ) is large enough, the attractive force will assist atoms (such as 2 ′ in Fig. 10(a2) ) located between Group-B atoms and Group-D atoms to overcome the energy barrier to fill in the space, resulting in a phase transformation from the FCC structure to the base-centred orthorhombic structure. A plane passing through a Group-B atom and its corresponding Group-D atom and parallel to the Z axis is named Plane BCD, as shown in Fig. 10(a1) . The angle (θ BCD ) between Plane BCD and the X axis is plotted against the imposed strain in Fig. 12 . θ BCD generally increases with the imposed strain. As the crack propagates, the stress of most of the atoms located on the left-hand side of the crack tip is released. The stress release region is shown schematically in Fig. 4(c) . The stress release in this region will cause the lattice to expand along the X direction. However, the lattice on the right-hand side of the crack is still subjected to shrinking along the X direction due to the imposed strain along the Y direction. This rotates
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Plane BCD slightly to a higher θ BCD value as the crack propagates. When the temperature increases, thermal expansion also promotes the rotation of Plane BCD. It can be seen in Fig. 12 that θ BCD increases with increasing temperature once the strain becomes larger than about 2.6%. The increased θ BCD at higher temperature assists Group-B atoms at the crack tip (such as 2 ′ in Fig. 10(a2) ) to move toward the crack opening (left-hand side of the simulation cell).
This atomic flow provides more stretching space between Group-B atoms and Group-D atoms ( 2 ′ and 2 ′ in Fig. 10(a2) ). This is accompanied by an increase in . Therefore, reaches the critical value earlier at higher temperatures, causing phase transformation at a lower strain. Hence, the dynamic brittle-to-ductile transition occurs earlier at 10 K than at 2 K, as observed in Fig. 6 . At 1.1 K, θ BCD increases slowly with increasing strain. It does not reach the critical maximum distance at the end of the simulation; no dynamic brittle-toductile transition could be observed in this case. 
Atomic mechanism for ductile fracture
In Fig. 9 , the case at 40 K indicates that ledges are first formed on the crack tip, followed by nucleation of dislocations around the ledges. It is interesting to know why the ledge was generated. Fig. 13 and 2 " are initially located at the first (11 � 1) plane above the TB. Atoms 1 " and 2 " are at the second (11 � 1) plane above the TB. It can be seen in Fig. 13(a) that the bond rupture occurs between Atom 1 " and Atom 1 " for 11.3 Å ≤ Z ≤ 13 Å. However, when the observation domain moves to 17.7 Å ≤ Z ≤ 19.3 Å, as shown in Fig. 13(b) , the atomic bond breaks between Atom 1 " and Atom 1 " . The thermal fluctuation of Atom 1 " could cause variations in the 1 " -1 " and 1 " -1 " distances. At lower temperature, the 1 " -1 " distance is always greater than the 1 " -1 " distance. Therefore, the atomic bond breaking always occurs between the 1 " -2 " plane and the 1 " -2 " plane at lower temperatures. However, higher temperatures may significantly increase the 1 " -1 " distance. When the 1 " -1 " distance exceeds a critical value, the atomic bond breaking will occur between the 1 " -2 " plane and the 1 " -2 " plane. This means that due to the thermal influence, the crack may propagate along two adjacent crystallographic planes at different Z locations. In other words, the crack tip front is no longer straight in the Z direction. This results in ledges perpendicular to the crack propagation plane.
Zhu and Thomson [9] proposed that a ledge might be formed by passing a number of screw dislocations through the crack tip on a slip plane normal to the crack line. We find an alternative mechanism for the formation of the ledge on crack: the thermal fluctuation at the higher temperature causing the crack to propagate simultaneously along different crystallographic planes, resulting in ledges on the crack tip. 
Conclusion
In this study, MD simulations were performed to investigate the fracture behaviour in nanotwinned Cu. A through-thickness crack was generated on one side of the simulation cell with the crack surface coinciding with a twin boundary. Under tensile straining perpendicular to the twin boundary, the crack behaved in three different manners at different temperatures.
The major observations can be summarised as follows: 1) At temperature up to 1.1 K, the crack propagates in a brittle fashion. Atomic bond breaking is responsible for the brittle fracture behaviour.
2) From about 2 K to about 30 K, a dynamic brittle-to-ductile transition was observed.
The fracture propagates in a brittle mode before it changes to a ductile mode when the imposed strain reaches a critical level. It was found that the local inter-atomic spacing around the crack tip can increase during the brittle crack propagation as the temperature increases and/or the brittle crack propagates. When the spacing exceeds a certain level, a phase transformation occurs, which can induce the formation of a new twinned region around the crack tip and nucleates a perfect dislocation on the (001) plane. The formation of the twinned region and the emission of the dislocation shield the crack tip and lower the stress at the crack tip. This results in the transition from a brittle mode to a ductile mode.
3) The crack propagates in a ductile mode as the temperature is raised above 40 K. In this regime the crack can propagate along two adjacent crystallographic planes due to thermal activation of atoms at the crack tip. This results in the jogged crack tip front with ledges perpendicular to the crack propagation plane, followed by emission of the dislocations around the ledges. The latter activity shields the atoms around the crack tip and impedes brittle crack propagation.
